Abstract: Modification of the interface changes the viscoelastic response of crystalline polymer blends. For incompatible systems, usually one or more additional tan δ (mechanical loss) peaks appear which reflect the embrittlement of the material. Upon proper compatibilization, the additional peaks disappear and the material becomes tougher. The associated phenomena are explained and illustrated by a number of examples including polypropylene filled with calcium carbonate, polyethylene (PE) and polystyrene compatibilized blends, compatibilized blends of poly(ethylene terephthalate) (PET) with polyethylene as well as polyamide 6/polypropylene-graft-acrylic acid blends. Modes of deformation producing cavitation and cavity free deformation were applied to polymer blends in order to study the influence of molecular orientation and the presence of cavities. It is concluded that interfaces between blend components are weak elements of the blends even in the presence of a compatibilizer. Dynamic mechanical analysis (DMTA) evidenced the occurrence of interactions of the compatibilizer with blend components through temperature shift and intensity change of α, β and γ relaxation processes of polymer components. In oriented films of PET/high-density PE compatibilized blends, the chain segments in the amorphous phase of PET are oriented along machine direction. However, there is a significant anisotropy of chain packing in the plane perpendicular to the drawing direction -the pseudohexagonal packing of chain fragments being in register over the whole film. The PET amorphous phase exhibits anisotropy: DMTA studies show that the glass transition occurs at different temperatures while bending the film in different directions. The source of the 'anisotropy' in glass transition is the anisotropy of the amorphous phase: the pseudohexagonal packing and the orientation of chain segments. It is evident that the free volume and frozen fraction of the amorphous phase exhibit some degree of anisotropy. In highly compressed samples free of cavities, the glass transition temperature is shifted to higher temperature as compared to undeformed or drawn and cavitated blends. The shift is the result of high molecular orientation of the amorphous phase of matrix polymer and of the stabilization effect of unbroken interfaces in compressed samples.
Introduction
Divergence from the elastic Hooke law can be of two types: stress induced when the yield point is reached, and time dependence anomalies connected with time and rate dependencies. Time dependence anomalies are characteristic of the materials the behavior of which is a combination of elastic and viscous responses. If stress induced anomalies are not present, e.g. at low strain, the response of the material is linearly viscoelastic. The material response to deformation or stress on the molecular level is, unlike for low molecular weight materials, due to polymer chain displacements or rotations of chain fragments: the higher the temperature the larger elements participate in the motion. If the material is subjected to oscillating sinusoidal stress or strain, the response of the material is delayed by the angle δ, dependent on the activated motions which vary with temperature. The sketch below illustrates the change of tan δ for amorphous and crystalline phases of polymers. Fig. 1 . Sketch of relaxation spectra of amorphous and crystalline phases of polymers redrawn after M. Boyer [1] In polymer blends the structure is more complicated because usually there is a dispersed phase, a continuous phase and the interface. The applied force is transmitted onto the dispersed inclusions from the matrix via the interface. Therefore, the properties of the interface play a vital role in force transmission and overall behavior of a blend. Strong bonding between blend components prevents from slip between matrix and inclusions, while weak adhesion is not efficient in stress transfer, but it may cause a certain amount of friction if a blend is subjected to oscillatory deformation. The interface has a finite thickness, hence it is the third component of the system. Modification of blends by introducing compatibilizers is a common practice, hence, the third component is explicitely present in blends. It follows that blends are at least three-component systems with complicated interactions.
Compatibilized blends differ from blends of incompatible polymers, apart from more discrete dispersion of a minor component, mainly by the structure and properties of the interface between components. Usually, the achieved toughness of well compati-bilized blends allows for large plastic deformation. In plain crystalline polymers the elementary mechanisms of plastic deformation are crystallographic slips. However, in simple drawing, cavitation obscures the real crystallographic mechanisms [2] . The origin of cavitation is the mechanical misfit between stacks of crystalline lamellae. In polymer blends the interfaces between components are the other source of cavitation.
In this paper the effects of interface interactions and molecular orientation, resulting from plastic deformation, on dynamic mechanical properties of polymer blends are described. Modification of the interface by various ways changes the viscoelastic response of the material. Also the molecular orientation of components, and cavitation, which is connected with some modes of plastic deformation, show a strong influence on the dynamic mechanical properties. The associated phenomena are explained and illustrated by relaxation phenomena observed in selected exemplary multicomponent systems (subjected or not to plastic deformation) including: polypropylene filled with calcium carbonate (also with a polymeric modifier), polyethylene and polystyrene compatibilized blends, compatibilized blends of poly(ethylene terephthalate) with polyethylene, as well as polyamide 6/polypropylene-graft-acrylic acid blends.
Case of filled polypropylene
Filled polymers are comparable to polymer blends with the dispersed component being below its glass transition temperature. In filled polymers the adhesion between filler and polymer matrix lowers the macromolecular chain mobility. In polyolefins filled with extenders such as chalk, talc, kaolin, aluminium hydroxide etc., a drastic increase of the modulus is observed while the yield stress decreases. The most undesirable effect of the introduction of extenders is the loss of toughness, see e.g. ref. [3] [4] [5] [6] [7] . Efforts of introducing coupling agents leads to further increase of modulus and yield stress, but generally the toughness is not recovered. The loss of toughness is best seen in the dependence of the brittle-to-ductile transition on temperature. In Fig. 2 , the dependence of strain to fracture vs. temperature is shown for isotactic polypropylene and polypropylene filled with chalk [8] . It is seen that the strain to fracture for the system of isotactic polypropylene filled with chalk drastically drops below +40 o C. For unfilled polypropylene, the brittle-to-ductile transition is at its glass transition temperature around -10 o C.
Since long time it is known that macromolecular chain mobility is a crucial factor deciding on the either brittle or ductile behavior of a polymer, see e.g. ref. [9] . An increasing yield stress of a polymer with decreasing temperature is caused by the decrease of macromolecular chain mobility, and vice versa, the yield stress is a qualitative measure of macromolecular chain mobility. It was shown that the temperature and strain rate dependencies of the yield stress can be described in terms of relaxation processes, similarly as in linear viscoelasticity. Also the kinetic elements taking part in yielding and in the viscoelastic response of a polymer are similar: segments of chains, parts of crystallites, fragments of the amorphous phase. Since the mobility of kinetic elements taking part in plastic deformation is lower at lower temperature, the energy dissipated increases and produces instability; at those places micronecks are formed because locally the temperature increases. The rate of plastic deformation drastically increases in micronecks and the material quickly fractures. At higher temperature the mobility of kinetic elements is higher. Thus, less energy is dissipated and the local temperature increase is lower. In result, the neck is stable and tends to occupy the whole gauge length of the sample. The material exhibits then a tough behavior. The necessary condition for high plastic deformation is the possibility of motions of kinetic elements on a time scale corresponding to the deformation rate. Relaxation times and activation energies are the parameters describing the kinetics of the conformational motions of macromolecules and other kinetic elements. In isotactic polypropylene (iPP), there are essentially three processes which are of particular importance: the first process which is connected with the presence of the crystalline phase (see Fig. 3a ), the second corresponding to relaxations related to defects in the crystalline phase, and the third one corresponding to motions of short segments in the amorphous phase (glass transition).
In filled polypropylene, the mobility of macromolecular chains at interfaces is greatly reduced due to the interaction between the filler particles and the polymer. All relaxation processes in the fraction of a polymer being in close contact with the filler particle surfaces are affected, although not all in the same way. As a result of such interaction at interfaces, other intense relaxation processes denoted as α 1 and α 2 appear in the spectrum in the case of iPP filled with 40% of chalk, as can be seen clearly in Fig. 3b . The activation energies for those processes are roughly estimated to be 200 kJ/mol for the α 1 process and 100 kJ/mol for α 2 . It can be estimated -on the basis of the relaxation times for those processes and of the times required to reach the yield point at a certain deformation rate -which relaxation process is able to follow the deformation. Calculations show that at the deformation rate of 20 min -1 the α 1 process limits the plastic deformation below +40 o C, while the α 2 process still follows the plastic deformation at +20 o C if the deformation rate is below 1 min -1 . 
For toughening the system of iPP and a filler, an obvious manoeuvre appears to be the softening of interfacial joints. An introduction of rubbery polymers and copolymers at the interface between filler particles and polymer partially recovers the toughness and the impact strength, see e.g. ref. [10] . The application of a more compliant rubber gives further toughening. An extreme case is the application of a liquid exhibiting excellent wetting properties towards the filler and the polymer at interfaces [3] [4] [5] 11, 12] . It was found that the proper liquid for the system of iPP and chalk is an oligomer of ethylene oxide (OEO) having a molecular weight from 200 to 1500 g/mol. It is seen in Fig. 2 that the application of OEO to the interfaces in iPP filled with 40 wt.-% of chalk moves the brittle-to-ductile transition near to the glass transition temperature of iPP. In Fig. 3 , the modulus and tan δ are shown for iPP filled with liquid OEO modified chalk. It is seen that the modification of the interfaces with the liquid removes the additional relaxation processes α 1 and α 2 which are present in the system containing unmodified chalk. Therefore, the limitations to the mobility of kinetic elements at interfaces due to interactions between the filler and the polymer are also removed.
Case of high density polyethylene/polystyrene/block copolymer of styrene and ethylene/butylenes (HDPE/PS/SEBS) blends
An interesting blend is the system of HDPE and PS with the addition of a block copolymer containing PE and PS blocks. In the research reported below and described in details elsewhere [13] all blends prepared had a common overall composition: 80 wt. The rectangular plates, 50 mm x 60 mm and 10 mm thick, suitable for compression tests, were compression molded. As revealed by differential scanning calorimetry (DSC) and X-ray measurements, the obtained plates showed a crystallinity of polyethylene around 65% and no traces of orientation anisotropy. For tensile tests, the oar-shaped specimens were cut out from 1 mm thick moulded sheets. The samples of the unoriented HDPE/PS/SEBS blends deformed in tension demonstrate various deformation and fracture behavior dependent on their composition. Fig. 4 6 summarizes the changes of the temperature relaxation maxima determined from DMTA curves using the peak separation procedure. The γ and β relaxations depicted in Fig. 5 and Fig. 6 are observed in HDPE and in poly(ethylene/butylene) (E/B) segments of SEBS copolymer at nearly the same temperature,s since both are polyolefins of quite similar chemical structure. However, the β relaxation peak of HDPE is of extremely low intensity as compared to poly(ethylene/butylene) segments due to c its high crystallinity [14] . The data presented in Fig. 6 show that going from plain HDPE through blends with increasing content of the copolymer to plain SEBS, the temperature of β relaxation tends to increase gradually while the peak temperature of γ relaxation tends to decrease. Such behavior supports the idea of partial miscibility of EB blocks with the HDPE matrix in the blend. One must note that the shift of the position of β relaxation with composition is very small, in fact not far from an experimental error. However, its existence was confirmed in several repeated DMTA scans. In order to refine the position of the maxima, a curve fitting procedure was used. The deviations of position of the β maximum, found in subsequent experiments, did not deviate more than 0.3 o C from those reported in Fig. 6 .
Case of oriented HDPE/PS/SEBS blends
The plane-strain compression in a channel-die was chosen as the deformation method in this study, because the compressive component of stress prevents or minimizes cavitation. All compression experiments in the channel-die were done at a temperature of 100 o C. That temperature of deformation was selected on the basis of the previous study of compression of binary HDPE/PS blends [15] , which demonstrated that the deformation process is stable and leads to a high permanent orientation of the material if the temperature is set within the zone of the glass transition temperature of the PS component. The temperature of deformation selected for this study is close to T g of both plain PS and PS segments of SEBS (106 and 94 o C, respectively). The compression was stopped near a compression ratio of 6 (reduction of sample height from 60 mm to 10 mm).
After compression, the samples were slowly cooled to room temperature, still under the load. The other details of the deformation procedure were described elsewhere [13, 15, 16] . Orientation of the polyethylene crystalline phase in deformed samples was studied by means of X-ray pole figures measurements. The γ, β and α relaxations of HDPE are seen as well as the α relaxation of the PS component. The γ  and β relaxations of HDPE coincide with the corresponding relaxation processes in ethylene/butylene segments of SEBS. Increasing γ and β relaxation temperatures can be observed as compared to undeformed materials. It is rather clear that this increase results from a better packing of macromolecules, both in the amorphous component and in interface layers that reduce substantially the mobility of these macromolecules.
To the contrary, the temperature of α relaxation of the PS component in oriented samples decreases as compared to the unoriented samples. The α relaxation process of PS could be, however, affected by the shrinkage phenomena occurring in oriented samples at temperatures around and above the temperature of deformation, i.e., 100 o C. That shrinkage possibly influences the estimate of the temperature of the α relaxation process. Probably for the same reason the estimations of the temperatures of α relaxations of HDPE and of PS segments in SEBS were inaccurate and do not show any noticeable correlation. 
Case of non-oriented poly(ethylene terephthalate)/HDPE (PET/HDPE) compatibilized blends
At present, the automated processes for segregation of scrap material according to polymer type are not 100% correct; usually a mixture of various polymers are collected. The admixture to scrap PET is usually HDPE, therefore, the recycling of commingled scrap plastics turned recently the attention toward blends of PET and HDPE. In the studies briefly reported here and described in details elsewhere [17] , the components were carefully dried prior to blending in a co-rotating double-screw extruder at a speed of the screws of 500 r.p.m. resulting in a residence time of 40 s at 270 o C. Two compatibilizers, SEBS grafted with maleic anhydride (SEBS-g-MA) and copolymer of ethylene and glycidyl methacrylate (EGMA), efficient for the system PET/HDPE, were used. Other experimental details of reactive compatibilization with EGMA and SEBS-g-MA are described elsewhere [17, 18] . Compatibilized blends PET/HDPE with ratios of main components of 75:25 and 25:75 were prepared. The amount of compatibilizer in these blends varied from 2 to 10 wt.-%. Two reference non-compatibilized PET/PE blends of compositions 75:25 and 25:75 were also prepared. The exact compositions of the prepared blends are shown in Tab. 3. The temperature dependencies of storage modulus, E', and mechanical loss, tan δ, of PET, HDPE and copolymers used for blend preparation are collected in Fig. 10 . Fig. 10 . Dependences of E', tan δ and E" vs. temperature for PET, HDPE, SEBS-g-MA and EGMA, measured in bending mode at 1 Hz [17] E' of PET gradually decreases with increasing temperature and drops more rapidly above 75 o C. This drop is accompanied by a maximum of tan δ ascribed to the main α relaxation process connected with the glass transition of PET [19] . This process is discernible even in samples in which glass transition of PET was difficult to detect by DSC. A secondary relaxation process, denoted as β, appears as a weak and broad maximum of tan δ with a peak near -65 o C. It has been postulated [20] that this β process consists of two different components due to motions of the carbonyl groups (low temperature part) and phenyl ring flips (high temperature part). Both the α and β relaxations have been attributed to the amorphous component.
HDPE samples exhibit two remarkable relaxation processes inherent in linear polyethylene. The γ relaxation process related to the glass transition [21] manifests itself by a small maximum of tan δ accompanied by a weak jump of E' around -120 o C. This transition was hardly detected in the DSC thermograms. Above 30 o C, tan δ increases due to activation of the mechanical α relaxation process related to the crystalline regions. At the same time the modulus, E', decreases distinctly with temperature. The α process is composed of two components, a low temperature one, α 1 , and a high temperature one, α 2 . It is believed that the α 1 process is focused on the grainboundary phenomena, see e.g. ref. [22] , while the α 2 process is related to the molecular motion within crystallites, see e.g. ref. [23] . The β relaxation process, clearly observed in branched polyethylene [24] , is nearly absent in linear polyethylene and is hard to detect on the tan δ curve of HDPE.
The temperature dependencies of the E' modulus of SEBS-g-MA exhibits two step drops: in the sub-zero-and the positive temperature range. They are accompanied by distinct maxima on the tan δ curve appearing at -41 o C and 98 o C, respectively. Both relaxations are attributed to the glass transitions of ethylene/butylene and styrene blocks of the copolymer, respectively. Above the upper glass transition, the mechanical loss of SEBS-g-MA increases due to pre-melting of the ethylene blocks of the copolymer.
For EGMA, a drop in E' coincides with a sharp enhancement of tan δ around -12 o C. With further temperature rise, tan δ develops a maximum around 50 o C. The former effect is due to the glass transition; the latter one reflects an intensification of mechanical loss related to crystalline regions.
PET-rich blends
To examine the influence of compatibilizing additives on the relaxation processes, the amount of SEBS-g-MA and EGMA was varied from 0 to 10 wt.-%. The viscoelastic behavior of PET-rich blends compatibilized with SEBS-g-MA will be discussed first. The temperature dependencies of E' and tan δ for these systems are presented in Fig. 11 . The temperature behavior of E' is qualitatively similar to that for plain PET. Differences are observed in the absolute values of E'. For blends the values of E' are slightly lower than for plain PET and decrease continuously with increasing amount of SEBS-g-MA in the blend. The tan δ spectra for the blends are quite complex, especially in the positive temperature range, where contributions from blend components overlap (compare Fig. 10 and Fig. 11 ). Therefore, a compatibilization effect can be analyzed only on the basis of changes of the tan δ maximum in the region of the β relaxation of PET where the contribution from the minor polyethylene phase is negligible. In Fig. 7 , a systematic increase of this maximum is clearly seen from approximately -63.0 o C for plain PET to temperatures of -60.0, -56.9, -45.6 and -44. Moreover, above 2 wt.-% of SEBS-g-MA the high temperature side of this maximum intensifies and eventually forms a small peak centered at a temperature close to that of plain compatibilizer. It may be guessed that this contribution is also generated by a fraction of compatibilizer not involved in PET-PE interfaces, presumably separated from the PET matrix in the form of separate inclusions. This hypothesis is plausible since an increase of the interface area caused by improved dispersion of the minor component leads to attenuation of the considered tan δ peak as evidenced by mechanical loss spectra for PE-rich blends compatibilized with the same amount of SEBS-g-MA, presented in the following section. A detailed analysis of the α(PET) relaxation process is more difficult since it is masked by a significant contribution of the α(PE) relaxation and additionally by an upper relaxation of the compatibilizer. For the binary PET-rich blend, the contribution of the minor PE phase leads to a broadening of the tan δ maximum in the α(PET) relaxation region. At the same time, its position shifts towards higher temperature and the high temperature shoulder is enhanced. For ternary blends, these effects become even more pronounced due to the relaxation of the compatibilizer. Fig. 11 . E', tan δ and E" vs. temperature for PET-rich blends compatibilized with SEBS-g-MA and for a PET reference sample [17] . Descriptions of the curves and factors of their vertical shift are given in the insert. (Measurements in bending mode at 1 Hz)
Viscoelastic data of PET-rich blends compatibilized with EGMA are presented in Fig. 12 . Similarly to blends compatibilized with SEBS-g-MA, the storage modulus of blends compatibilized with EGMA is lower than that of plain PET and uncompatibilized blends in the entire temperature range studied (see Fig. 12 ). Fig. 12 shows that the position of the maximum of tan δ related to the β relaxation of PET shifts slightly from -63 o C (plain PET) to -62.2, -61.5 and -60.1 o C for blends containing 0, 5 and 10 wt.-% of EGMA, respectively, i.e. towards β relaxation of EGMA (-12 o C). In the range of the α(PET) relaxation process, contributions of HDPE (α relaxation of PE) and EGMA compatibilizer can be observed, similarly to previously discussed blends compatibilized with SEBS-g-MA. The contribution from HDPE in the binary blend manifests as a shift of the tan δ maximum by approximately +4 o C associated with the development of a high temperature shoulder. For the ternary blends this shoulder is still present, however, the peak temperature of the resultant tan δ maximum decreases with increasing EGMA content. This is because the mechanical loss maximum of the EGMA component precedes that for PET in the considered temperature range. Fig. 12 . E', tan δ and E" vs. temperature for PET-rich blends compatibilized with EGMA and for a PET reference sample [17] . Descriptions of the curves and factors of their vertical shift are given in the insert. (Measurements in bending mode at 1 Hz)
PE-rich blends
The viscoelastic behavior of PE-rich blends compatibilized with SEBS-g-MA and EGMA is illustrated in Fig. 13 and Fig. 14, respectively. The modulus E' of binary and compatibilized blends is, as expected, within the limits formed by the moduli of plain components. Mechanical loss spectra for the blends compatibilized with SEBS-g-MA (Fig. 13 ) and with EGMA ( Fig. 14) are dominated by the response of the major HDPE component. For this reason, any possible changes in the β(PET) relaxation process of the minor PET component are difficult to analyze. The contribution of minor components in the α(PE) relaxation region is also small. It manifests only as a weak fluctuation of the tan δ curve, in the region of T g of PET, more pronounced in blends compatibilized with EGMA than in those with SEBS-g-MA. Fig. 13 . E', tan δ and E" vs. temperature for HDPE-rich blends compatibilized with SEBS-g-MA and for HDPE reference sample [17] . Descriptions of the curves and factors of their vertical shift are given in the insert. (Measurements in bending mode at 1 Hz)
Consequently, it is difficult to evaluate any compatibilization phenomena on the basis of tan δ curves of HDPE-rich blends. Unfortunately, the changes in mechanical loss expressed by the loss modulus E'' (curves not presented here) are also obscured by overlapping contributions of the blend components and do not provide any further information. It is interesting to note that contrary to PET-rich blends the HDPE-rich blends compatibilized with the same SEBS-g-MA amount (above 2 wt.-%) reveal on the tan δ curve only a small peak in the vicinity of -44 o C ascribed to mechanical loss activated in the compatibilizer due to its low temperature glass transition. This effect can be explained considering different interface areas in both blends. The interface area is related to the dispersion of the minor component which, according to scanning electron microscopy (SEM), is finer in HDPE-rich blends than in PET-rich ones. The amount of compatibilizer located within phase boundary regions, i.e. being effectively involved in compatibilization of the blend components, increases with increasing interfacial area. It may be expected that if the amount of compatibilizer in the blend is too large, some fraction of it must be outside of the PET-PE interface and must form separate inclusions. Material in these inclusions should generate a peak of mechanical loss at a position close to that of the plain component, as in the case of PET-rich blends with high level of SEBS-g-MA. Therefore, one can evaluate an optimum amount of SEBS-g-MA compatibilizer as below 5 wt.-% for PET-rich blends and at 5 wt.-% for HDPE-rich blends. A similar conclusion can be drawn for the level of EGMA in PET/HDPE blends. The results of optimization of the concentration of EGMA in PET/HDPE blends as well as of processing conditions confirmed the above conclusion [18, 25] . Fig. 14. E', tan δ and E" vs. temperature for HDPE-rich blends compatibilized with EGMA and for a HDPE reference sample [17] . Descriptions of the curves and factors of their vertical shift are given in the insert. (Measurements in bending mode at 1Hz)
Case of oriented PET/HDPE/EGMA films
The goal of this part of the work was to develop processes of compatibilization, film extrusion and film orientation on the industrial scale and characterize the structure, texture and properties of the obtained films. The blending process of PET, HDPE and EGMA was optimized for concentration of the compatibilizer and processing conditions. It was found that for the average concentration of 25 wt.-% of HDPE in PET an addition of 4 pph of EGMA gives the best tensile and impact properties. The properties of the optimized blends containing 75 wt.-% of PET, 25 wt.-% of HDPE and 4 pph of EGMA allowed for smooth extrusion of films on the laboratory scale Industrial film extrusion of a PET/HDPE/EGMA 75%/25%/4 pph blend, prepared separately using a twin screw extruder, was performed on an extrusion line consisting of a single screw extruder (D = 60 mm, L/D = 25) equipped with a slot film die, 900 mm wide. The temperature of the chill roll was maintained at 78 o C. Other experimental details are described in ref. [25] . The extrusion line was also equipped with a film orientation unit consisting of a row of 8 heated slow-to-fast rolls. The temperature of the rolls was set at 80 o C. The unoriented film was extruded for approx. 1 h. Then the film orientation unit was put in operation and set to produce oriented films at 6 various orientation ratios: 1.5x, 2.0x, 2.5x, 3.0x, 3.5x and 4.0x.
The texture and properties studies of PET/HDPE/EGMA oriented films are the subject of a separate paper [25] . Here, only the essential data for clear presentation of DMTA properties will be recalled.
The texture of oriented films was mainly studied by X-ray pole figure technique. In addition to the integral pole figures for crystallographic peaks, the height pole figure of the amorphous phase was constructed from the diffraction data at the diffraction angle 2θ = 19.5 o . At this angle, there is a maximum of the amorphous halo of unoriented PET. Besides, this region of the diffraction angles is relatively free of crystalline diffraction peaks of PET and HDPE. Similar pole figures for the amorphous halo were constructed in the past for oriented polyethylene and polyamide 6 in order to gain information about the orientation of the amorphous phase [26, 27] . In such cases the amorphous halo is treated as a (100) reflection from close packing of the amorphous phase. Clustering of these reflections gives information about the orientation of those chain fragments which are in the amorphous state.
The X-ray pole figures for the heights of the amorphous halo (Fig. 15) indicate a significant orientation of chains in the amorphous phase along the drawing direction. There is a significant trace of anisotropic packing of chains of the amorphous phase in the plane perpendicular to the drawing direction in the form of four distinct clusters: at roughly -90 o , +90 o , -30 o and +30 o with respect to the film surface. The orientation of the normals to the (100) close packing plane suggests that the chain segments in the amorphous phase are oriented along the machine direction. The splitting of the clustering of (100) normals in the equatorial zone into a four point pattern is apparently caused by the pseudohexagonal packing of chain fragments in the amorphous phase of PET being in register over the whole sample. While projected onto the pole figure, the The observation of pseudohexagonal packing of the oriented amorphous phase in PET is new and very important because it resolves the old dispute about how the oriented amorphous phase is arranged. A similar feature for the amorphous phase packing was observed previously for polyethylene deformed by plane-strain compression in a channel die [26] . The dynamic mechanical properties of oriented films were studied by bending the plane of the film along the machine and transverse directions. The E" moduli of the films as function of the temperature are presented in Fig. 16a and 16b .
The most significant transition observed for samples tested along the machine direction is the glass transition at 76 -90 o C: for low draw ratio of the films, the glass transition is seen at lower temperature while for higher draw ratios the glass transition temperature approaches 90 o C. At temperatures above the glass transition for low draw ratio, the E' (not shown here) and E" moduli show a drastic drop since there is too small an amount of crystals which can stabilize and strengthen the rubbery amorphous material. Above 110 o C, new crystals are formed by cold crystallization during the DMTA experiment which stabilize the film structure. Starting with the draw ratio of 2.5, the drop in E' and E" moduli at temperatures above the glass transition is not very substantial as these films are stabilized by crystals which were formed during drawing prior to the DMTA experiments. There is a small shift of the glass transition towards higher temperature with increasing draw ratio. The transition became more pronounced with increasing draw ratio as can be seen in Fig. 16a .
Bending the plane of the film along the transverse direction demonstrates significant differences in DMTA response of the oriented film (see Fig. 16b ). The shift of the glass transition temperature towards higher temperature is smaller: from 76 o C for the unoriented film to 85.6 o C for the film with the highest draw ratio of 4. Details are presented in Fig. 16c . The glass transition shows, first of all, a different intensity when tested by bending along different directions, and the peaks of intensities are at different temperatures. This means that the glass transition, which has its origin in the amorphous phase, exhibits an 'anisotropy': the glass transition occurs at different temperature and with different intensity while bending the film in different directions. The source of the anisotropy in the glass transition is the anisotropy of the amorphous phase: the pseudohexagonal packing and the orientation of chain segments. A similar anisotropy of the glass transition was noticed by us for polypropylene oriented by rolling with side constraints [28] and for super-strong PET tapes obtained by sequential drawing [29] , both means of deformation producing plane-strain in the material and high orientation of the PET amorphous phase. Fig. 16 . Dynamic mechanical imaginary modulus, E", for the non-oriented and oriented films of PET/HDPE/EGMA 75%/25%/4 pph blend tested along machine (a) and transverse (b) directions [25] . In (c), details of the PET glass transition region are depicted for both transverse and machine directions for a film with draw ratio 4
The drop of the E' and E" moduli at temperatures higher than the glass transition is similar as for testing by bending along the machine direction: below the draw ratio 2.5, the drop is significant due to the scarcity of crystallinity, while for higher draw ratio, the existing crystals prevent from a significant decrease of the moduli. For low draw ratio, cold crystallization is seen as a peak on the curve of E" modulus vs. temperature above 110 o C. The shift of the transition with increasing draw ratio and the change of its intensity for samples tested along the transverse direction are
(c) similar to those observed for bending along the machine direction (compare Fig. 16a  and 16b ).
Case of deformed polyamide 6/polypropylene-graft-acrylic acid (PA6/PP-g-AA) blends
The aim of this part of the studies was to determine whether the basic mechanisms of plastic deformation of crystalline blends are crystallographic in nature and to consider the influence of evolving cavitation on the process of plastic deformation. An important goal was also to assess the way in which the interface between components deforms during plastic deformation. The description, which follows, is based mainly on the detailed studies presented elsewhere [30] .
Two means of plastic deformation were applied to the polyamide 6/polypropylenegraft-acrylic acid blends (PA 6/PP-g-AA): drawing and plane strain compression in a channel die. Drawing with no constraints is readily producing cavitation in plain crystalline polymers. It is expected that in blends of crystalline polymers, cavitation will be intensified because of relatively weak interfaces. In channel die compression, the compressive component of stress is likely to minimize or prevent from cavitation.
Blends with compositions 8:2 and 2:8 (w/w) were prepared in a mixing extruder. For avoiding excessive degradation, 0.3 wt.-% of Irganox 1010 was added to the dry blend before careful drying and blending. The samples for drawing were prepared in the form of 1 mm thick compression molded films from which oar-shaped tensile specimens were cut. The samples for channel die were in the form of 10 mm thick plates obtained also by compression molding. Drawing was carried out in the environmental chamber of an Instron machine, while the experimental set-up of channel die compression is described in detail elsewhere [30] . The deformation in both cases was performed at 95 o C with a rate of 5 mm/min and stopped when the samples showed an engineering strain of approx. 4.0 (true strain ≈1.4). X-ray diffraction pole figures were applied for studying the texture of obtained samples according to a procedure described in an other paper [15] . Density measurements were used for the detection of cavitation, while SEM was employed to visualize the cavities.
Texture analysis based on pole figures for (002) crystallographic planes of polyamide 6, and (110), (040) (060) and (-113) crystallographic planes of polypropylene shows that in the cases of both 8:2 and 2:8 blends the matrix polymers are strongly oriented: in drawing, the texture resembles a fibrous one, while in channel die compression, the texture is rather a single crystal one, similar to the texture obtained for corresponding plain polymers. The exemplary pole figures of deformed blends obtained by X-ray diffraction are shown in Fig. 17 .
In the PA 6/PP-g-AA 2:8 blend, the dispersed polyamide inclusions are almost not oriented during drawing, while they are only slightly oriented in channel die compression. In the blend with a majority of polyamide, the dispersed inclusions of polypropylene-graft-acrylic acid are deformed during drawing only slightly less than the polyamide matrix and also resemble a fibrous texture. In channel die compression, the texture of the dispersed polypropylene component assumes, similarly to the matrix, a sharp single crystal texture which is concluded from the clustering of orientations of (-113) and (040) normals.
The observed clustering of orientation suggests that during compression of the blends in a channel die the crystalline phases of both blend components are subjected to the same crystallographic slips as plain components compressed in a channel die [31, 32] [29] . FD is the drawing (or flow) direction, while TD is the transverse direction. In the center of the pole figures, the direction is normal to the surface of the film in the case of drawing, and to the loading direction in the case of channel die compression
In Fig. 18 , tan δ vs. temperature is plotted, obtained via DMTA in a bending mode. It is seen that the α relaxation peak for polypropylene and the glass transition of polyamide 6 are dominant in the spectra. In both compressed samples, the peaks are lower and broader with the peak maximum at 110 o C and a double peak at 90 o C and 120 o C for polyamide and polypropylene rich blends, respectively. In drawn samples, the iPP α relaxation culminates at a much lower temperature, 80 o C, while the glass transition of polyamide is at 60 o C, as observed for polyamide 6-and polypropylenerich blends, respectively.
In the highly compressed PA6/PP-g-AA 8:2 channel die samples, free of cavities, the PA6 glass transition temperature is shifted to 90 o C as compared to 50 o C for undeformed PA6 and 60 o C for the drawn and cavitated PA6/PP-g-AA 8:2 blend. The shift is a result of high molecular orientation of the amorphous phase of PA6 and of the stabilization effect of unbroken interfaces in compressed samples. Also the α relaxation peak of PP is shifted towards higher temperature, because in compressed samples polypropylene inclusions become strongly oriented. In the compressed PPg-AA rich blends, the α relaxation peak of PP is also shifted towards higher temperature as compared to drawn samples: 110 o C for compressed vs. 80 o C for drawn. This shift is the consequence of numerous cavities present in drawn samples: cavities inherent in PP-g-AA and PA6 phases alone, and cavities resulting from interface rupture during drawing. Cavities allow for the release of constraints of kinetic elements responsible for the α relaxation of PP. The glass transition peak of polypropylene is more pronounced in the compressed samples than in the drawn samples.
Discussion and conclusions
Modification of the interface by various ways changes the viscoelastic response of the material. For incompatible systems, usually one or more additional relaxation peaks appear which reflect the embrittlement of the material. Tensile and impact experiments show that the application of a proper polymeric liquid at polymer-hard inclusion interfaces toughens filled polyolefins. There are several simultaneous and synergistic phenomena which contribute to toughening of liquid modified filled polyolefins. However, the important factor is the recovery of macromolecular chain
mobility at interfaces connected with a change in the morphology of interfacial layers and with a shift of the brittle-to-ductile transition to lower temperature. The modification of interfaces with a liquid removes the additional relaxation processes α 1 and α 2 which are present in the system containing unmodified chalk and iPP. Therefore, the limitations to the mobility of kinetic elements at interfaces due to interactions between the filler and the polymer are also removed. For polymer blends, the dynamic mechanical analysis evidences the occurrence of interactions of the compatibilizer with blend components through temperature shift and intensity change of α, β and γ relaxation processes of polymer components.
Modes of deformation producing cavitation and cavity free deformation were applied to polymer blends in order to study the influence of molecular orientation and the presence of cavities. For the cavity producing type of deformation it is concluded that interfaces between blend components are weak elements of the blends even in the presence of a compatibilizer.
The plastic deformation of HDPE/PS blends compatibilized with SEBS block copolymer deformed by compression in a channel-die occurs in a cavity-free manner.
The compression is of plane-strain type due to strong constraints imposed by the side walls of the channel. Because of the presence of the compatibilizer in the blends, the interfaces between main blend components do not cavitate and preserve their integrity, though they undergo extensive deformation comparable to HDPE embedding.
The texture developed by compression to high strains in ternary blends with small and moderate amounts of SEBS is similar to the texture found in plain HDPE and HDPE/PS blends deformed at similar conditions. This is a single-component texture with chain direction [001] aligned well along flow direction and (100) crystallographic plane perpendicular to loading direction, i.e., the (100)[001] texture. It was found that the basic mechanisms of the plastic deformation of blends are crystallographic slips supplemented by plastic shear and flow of the amorphous component, similarly to the deformation of plain polymers and uncompatibilized blends. With increasing content of SEBS in the blend, the texture of the deformed samples evolves toward a fiber-like texture, with [001] still well aligned along flow direction. However, the main (100)[001] texture component, although weaker, can be still observed. Such evolution demonstrates an increasing role of the plastic shear and flow of the amorphous component of the blend at the expense of crystallographic mechanisms in samples of reduced overall crystallinity, as in blends with high SEBS content. For that deformation mode, the side constraints imposed by the side walls of the channel are not as effective as in the deformation of highly crystalline material. Consequently, the texture of the blends with increasing concentration of SEBS transforms from single-component (100) [001] texture to that with a strong fiber component in addition to the (100)[001] texture component.
An increase in γ and β relaxation temperatures in oriented polymer components is observed as compared with undeformed materials. It is rather clear that this increase results from better packing of macromolecules both in the amorphous component and in interface layers that reduced substantially the mobility of these macromolecules. In contrast, the temperature of α relaxation of the PS component in oriented samples decreases when compared with the unoriented samples. The α relaxation process of PS is, however, affected by the shrinkage occurring in oriented samples upon heating in the DMTA apparatus.
For PET/HDPE blends, the DMTA data demonstrate a complex behavior of the loss spectra due to an overlap of the relaxation processes of the respective blend components. Consequently, any possible modifications of the main relaxation processes of PET and PE components are obscured by relaxations of other components. Interaction of the compatibilizer with the PET component manifests in the DMTA data through temperature shift and intensity change of the β(PET) relaxation process. This effect is much more visible for PET-rich blends compatibilized with SEBS-g-MA than for those compatibilized with EGMA. In the case of HDPE-rich blends, a similar trend was observed only at the highest compatibilizer concentration. An analysis of the loss spectra behavior suggests that the optimal concentration of the compatibilizers in the considered blends is close to 5 wt.-%.
The crystalline phase of PET in oriented films assumes a strong texture resulting from the plane strain state of deformation. The X-ray pole figures indicate the formation of a texture produced during stretching: macromolecular chains in crystals are increasingly oriented along the drawing direction with increasing draw ratio.
There is a significant trace of anisotropic packing of chains in the PET amorphous phase in the plane perpendicular to the drawing direction. The orientation of the normals to the (100) close packing plane suggests that the chain segments in the amorphous phase are oriented along machine direction. The splitting of the clustering of (100) normals in the equatorial zone is apparently caused by the pseudohexagonal packing of chain fragments in the amorphous phase of PET being in register over the whole sample. The observation of pseudohexagonal packing of the oriented amorphous phase in PET is new and very important because it resolves the old dispute about how the oriented amorphous phase is arranged.
The PET amorphous phase exhibits anisotropy: the glass transition occurs at different temperature while bending the film in different directions. The source of the 'anisotropy' in glass transition is the anisotropy of the amorphous phase: the pseudohexagonal packing and the orientation of chain segments. It is then evident that the free volume and frozen fraction of the amorphous phase exhibit some degree of anisotropy. A similar feature for the amorphous phase packing was observed previously in polypropylene deformed by plane-strain compression by rolling with side constraints [28] . The classical theory of glass transition, which includes the concepts of "frozen fraction" and "free volume", cannot handle the anisotropy of packing because it is based on a mean field theory. Hence, it does not predict any anisotropy of the glass transition. Such type of anisotropy can be sensed by DMTA, in which the direction of testing is of primary importance, but not by DSC or dilatometry measuring scalars -the heat or the volume. It must be mentioned here that the phenomenon of glass transition is anisotropic but not the glass transition temperature as the temperature is a scalar.
In highly compressed PA6/PP-g-AA 8:2 samples free of cavities, the PA6 glass transition temperature is shifted to much higher temperature as compared to undeformed PA6 and drawn and cavitated PA6/PP-g-AA 8:2 blend. The shift is a result of the high molecular orientation of the amorphous phase of PA6 and of the stabilization effect of unbroken interfaces in compressed samples. Also the α relaxation peak of PP is shifted towards higher temperature, because in compressed samples polypropylene inclusions become strongly oriented.
In the drawn PP-g-AA rich blends, the α relaxation peak of PP is shifted towards lower temperature as compared to compressed samples. The shift is a consequence of numerous cavities present in drawn samples: cavities inherent in crystalline polymers themselves and cavities resulting from interface rupture during drawing, which enable the motions of kinetic elements at interfaces. Cavities allow for the release of constraints of kinetic elements responsible for the α relaxation of PP. Similar behavior are expected for other blends subjected to cavity-free and cavitating modes of deformation.
